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Abstract.
Microstructure evolution has been studied in the nickel-based superalloy PER®72 submitted
to hot-torsion, to annealing below the primary γ' solvus temperature and to annealing at a
supersolvus temperature, with a special emphasis on grain size and twin content. Dynamic
abnormal grain growth occurs before the onset of dynamic recrystallization. The resulting
bimodal grain size distribution affects the grain coarsening kinetics at the supersolvus
temperature, so that the final microstructures depend on the former straining stages. As a
consequence, the twin content does not follow a univocal relationship with the average grain
size. The grain boundary velocity history before reaching the final grain size is a contributing
factor, and this is notably related to the initial grain size distribution width. Dynamically
recrystallized microstructures are by nature more homogeneous and give then rise to lower
rates in supersolvus grain coarsening, and accordingly lead to relatively lower twin densities.
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1. Introduction / Background
Nickel-based superalloys have been specifically designed for high temperature applications
and are mostly used in aeronautical components. Besides the development of new alloy
compositions, efforts have been made to control the microstructure evolution during
thermomechanical processing of existing alloys. Grain size and second phase topology are
well-known key factors to get the required properties in γ-γ' nickel-based superalloys such as
Udimet 720 [1-6]. The grain boundary network optimization is another possible route [7-12].
The principle of Grain Boundary Engineering (GBE) consists in tailoring the Grain Boundary
Character Distribution (GBCD) to improve some of the material properties, especially those
related to intergranular damage [13]. It has been successfully applied on a number of low
stacking fault energy metals and alloys. The beneficial boundaries, so-called special
boundaries, are usually based on Σ3 twin boundaries and other related low Σ boundaries
[14]. Most of the related papers address either the influence of "special boundaries" on
properties or the control of the fraction of those "special boundaries" by thermomechanical
processing, but very few is known about the fundamental metallurgical mechanisms
controlling the special boundary genesis. It is worth noticing that Σ3 twin boundaries
themselves can sometimes be detrimental for specific properties [15] and then should on the
contrary be avoided. Beneficial or detrimental, the control of the Σ3 twin density appears to
be necessary.
For materials like nickel-based superalloys usually submitted to fatigue and creep-fatigue
conditions in aeronautical components, grain boundary engineering seems p a rticularly
attractive. One of the difficulties to be overcome is that most of the developed grain boundary
engineering routes are based on cycling cold deformation and annealing stages; nickelbased superalloys have to be processed at high temperature. I n addition second phase
particles are often mandatory to avoid grain coarsening during thermomechanical processing;
the materials on which grain boundary engineering has been applied were mostly single
phase.
In a previous paper [16], variations in Σ3 twin content as a function of thermomechanical
parameters have been shown in PER®72 microstructures that were supersolvus-annealed
after deformation. In addition twin amounts were not fully dependent on grain size, which is a
conclusion that supports the possibility of developing grain boundary processing routes
involving hot deformation. The results of this previous work allowed formulating hypotheses
concerning the involved mechanisms, which are investigated in more details in the present
paper, b y inspecting microstructure at intermediate stages: deformed and quenched, and
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also after subsolvus annealing. The overall microstructure evolution mechanisms will be
discussed, with a special emphasis on twin genesis and grain size evolution.

2. Material and experiments
2.1. Material
The studied material is the two phase (γ-γ') nickel-based superalloy PER®72 (equivalent to
the alloy 720 LI), provided by Aubert&Duval in the form of a forged bar, which is the usual
state of the material before disc forging. The microstructure of the as-received state is
composed of fine (~7µm) equiaxed grains of the γ phase (FCC solid solution) and of γ'
precipitates (Ni3(Al,Ti), ordered L12 cubic structure). With a typical size of 1-3 µm and a
rounded shape, the latter are primary precipitates which formed during the alloy solidification.
Secondary and tertiary ones (< 0.5µm) also form from the supersaturated solid solution state
during cooling and aging treatment.

2.2. Thermomechanical processing
Torsion test samples have been machined from the bar in order to perform hot-deformation at
a constant deformation rate (10-1 s-1) and a subsolvus temperature Tsub. At this temperature,
the primary γ' precipitates do not dissolve, or at least do not completely dissolve, but the
secondary and tertiary ones do. Samples were deformed up to different strain levels and then
immediately water quenched to freeze the deformed microstructure. For studying t h e
microstructure evolution during static annealing, samples were subsequently heated back to
the subsolvus temperature or to a higher supersolvus temperature (Tsup, where the γ' phase
completely disappears). A constant annealing time of 30' was applied. The performed
thermomechanical treatments are summarized in Fig. 1. For each applied strain (ε = 0.12,
0.40 or 0.63), three microstructures were then produced: i) deformed-and-quenched, ii)
deformed-and-quenched and further annealed for 30' at Tsub, and iii) deformed-and-quenched
and further annealed for 30' at Tsup. Consistently, the initial material was also characterized i)
after a 10' annealing at Tsub (for the sake of comparison with the deformed-and quenched
samples, which were held for 10' at Tsub while performing the torsion test), ii) after annealing
for 30' at Tsub, and iii) after annealing for 30' at Tsup.

2.3. Microstructure characterization methods
2.3.1. Orientation mapping
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The E B S D technique was used for microstructure characterization because it allows
obtaining quantitative data on the grain structure as well as on the nature of the grain
boundaries. Sample preparation involved classical polishing on SiC papers, then with 3µm
and 1µm diamond powder, and finally on a vibrating plate during 15 h using 0.05µm alumina
particles. The EBSD system is implemented in a FEI XL30 scanning electron microscope
equipped with a LaB 6 cathode. Under 20kV acceleration voltage, the ultimate spatial
resolution achievable in the orientation maps was around 300 nm. The samples deformed
and annealed at Tsub had a rather small grain size; the chosen step size was 400 nm. For the
ones annealed at Tsup, grains were much larger, and the step size could be increased to 1.5
µm, which still provided a reasonable microstructure detail resolution. Large maps including
at least 1000 γ-grains were acquired in order to ensure the statistical relevance of the
measured microstructural parameters. Only small pieces of those maps are shown here.
In practice, the EBSD indexing software was unable to distinguish γ and γ' phases, because
first their crystallographic structures are very similar and second the γ-matrix includes many
coherent secondary γ' precipitates at room temperature. The γ matrix is face-centred-cubic
(FCC). The γ' precipitates have a simple cubic structure resulting from atom ordering on a
FCC lattice with a cell parameter misfit of only about 1% with the matrix. The phase
separation has therefore been done a posteriori using a double criterion based on grain size
and on volume fraction. The complete post-processing procedure that was designed to
analyze the EBSD maps includes four steps described below, and was applied only to
reliable data, i.e. not considering pixels with a confidence index (TSL-OIM software
parameter ranging from 0 to 1) lower than 0.15.
1) Grain detection
The isolated non-indexed pixels and the isolated pixels with an orientation different from the
neighbourhood are preliminarily corrected. Then grains are detected as groups of adjacent
pixels either with less than 10° disorientation or a misorientation close to the Σ3 twin
orientation relationship. The twin boundaries were therefore ignored in the grain detection
procedure.
2) Partitioning of γ and γ' phases
The γ' precipitates are smaller than the γ grains. Typically the largest precipitates do not
exceed 3 µm in diameter, as it can be seen on the BSE micrograph of Fig. 2 where the
rounded shape γ' precipitates appear somewhat darker than the matrix. In addition, the
overall chemical composition drives the thermodynamic equilibrium γ' volume fraction to
about 18% at Tsub (value given by the alloy supplier). The smallest grains accounting for 18%
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of the map area have therefore been considered to mainly be γ' precipitates and were then
not considered in further γ-phase characterizations.
3) γ-grain size
The equivalent circle diameter was calculated for each γ-grain, so that both a grain size
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histogram could be built and an average grain size D computed:
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where Ai and Di are the area and the equivalent circle diameter of the ith grain, respectively. If
the 2D measured distribution of grain sizes must be converted to a 3D distribution for a
modelling purpose, the classical Saltykov method is used [17].

4) Σ3 twin boundary quantification
Twin boundaries quantification has been performed for the γ phase only, using a program
specifically developed to analyse the filtered EBSD maps. Only Σ3 twins have been analyzed
because the amount o f higher order coincidence-site-lattice (CSL) boundaries, including
second and third generation twins, were very small and their variations were therefore not
significant. A tolerance of 2° or 4° disorientation with respect to the theoretical 60°<111>
misorientation was used in Σ3 twin boundaries detection. The amount of Σ3 twin boundaries
is quantified as being the length of the considered type of boundary per unit area and
referred to as d 2Uﬂ3 o r d U4ﬂ3 (µm-1). Furthermore, coherent and incoherent twins were
discriminated: the trace of the plane of a coherent twin boundary had to be disoriented by
less than 5° relatively to the closest {111} plane trace; otherwise the twin was classified as
incoherent. The length per unit area has been used as a quantification parameter for Σ3 twin
boundaries, regardless o f the coherent/incoherent character, and the length fraction of
incoherent Σ3 twin boundaries has additionally been calculated (referred to as %incoh.). For
incoherent twin discrimination, the misorientation tolerance angle was set to 4°.

3. Microstructure (γ matrix grain structure) evolution
mechanisms
In the following sections, EBSD results obtained on all samples will be described. Two EBSDmap representation modes will be used to show the grain structure of the γ matrix and the
corresponding grain boundary network. The grain structure plot consists in a random
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colouring of γ grains, the small grains filtered as γ' precipitates being left white. On the other
hand, the grain boundary network is displayed by drawing a red line for Σ3 twin boundaries,
and a black one for any other grain boundary, including γ-γ' interfaces.

3.1. Deformed-and-quenched materials
The stress-strain curve obtained from a torsion test (Fig. 3) exhibits a pronounced stress drop
at the very beginning of the plastic domain (at ε = 0.01-0.02) immediately followed by a
maximum at ε = 0.03. Similar yield point phenomena have been reported in other nickelbased superalloys [18]. The locking mechanism was then identified as the interaction of
dislocations with alloying elements which may undergo short-range ordering or precipitation.
After this, the strain-stress curve adopts a more classical aspect, with a slight hardening up to
ε = 0.1-0.15 followed by a slow softening. At ε = 0.1-0.15 the plastic flow stress reaches a
maximum value that is 8-10% higher than the subsequent plateau value. The flow stress is
then progressively decreasing to a reach a steady state value of 106 MPa at ε = 0.35-0.40.
Such a decrease in flow stress is usually attributed to the activation of softening mechanisms
like dynamic recovery and recrystallization. Torsion tests have been interrupted at ε = 0.12,
0.40 or 0.63 to observe the microstructure of the most hardened state (stress peak), the fullysoftened state (onset of the plateau) , a n d the steady state (further on the plateau),
respectively.

The grain structures obtained after deformation and quenching (Fig. 4) are almost equiaxed
whatever the applied strain, as the case for the undeformed reference material. The
unchanged grain shape suggests the occurrence of dynamic grain boundary motion.
Superplastic grain boundary sliding which is the other possible mechanism is indeed very
unlikely under the applied conditions of strain rate, temperature and initial grain size.

Contrary to the grain shape, the grain size and the width of the grain size distribution are
dependent on the applied strain. The reference material is homogeneous with a rather small
grain size ( D = 7.5 µm). After 0.12 straining, the material is on the contrary heterogeneous,
with a bi-modal grain size distribution leading to a D value of 15.0 µm. Dynamic grain
coarsening obviously occurred selectively for few grains at such low strains. Observing the
microstructure over a wider area and with a better spatial resolution, it appears that the big
grains form bands in which the precipitates density is lower (Fig 5a). The heterogeneity in the
spatial distribution of the primary γ' precipitates is directly linked with chemical segregations
which can not be avoided in such heavily alloyed materials. The lower the precipitate density,
the lower the grain boundary pinning force. One could therefore think that the development of
6

the big grains is a direct consequence of the Zener pinning force being insufficient in those
areas to prevent grain boundary motion. But if so, large grains should also appear in the
initial material submitted to the 10' heat treatment at T sub, which has similar chemical
segregations. This does not happen (Fig. 5b). The material which has been deformed has an
additional driving force which allows overcoming the Zener pinning force in selected zones.
Strain Induced Grain Boundary Motion (SIBM) is a reasonable explanation for that
phenomenon [19, 20]. Depending on their crystallographic orientation, grains store different
dislocation densities. Gradients of dislocation densities across grain boundaries create a
driving force for their motion, and favour the dynamic growth of the grains with the lowest
energy level. In the present alloy, the local development of large grains in the slightly
deformed sample is due to the combination of two conditions: lower precipitate density due to
chemical segregation, and additional driving force for grain boundary motion induced by
strain energy density fluctuations.

If the material is further deformed at ε = 0.40, the microstructure becomes homogeneous
again, with a grain size in the same range as for the reference sample ( D = 9.0 µm).
Dynamic recrystallization is then likely to be responsible for both the stress decrease
between ε = 0.12 and ε = 0.40 and the disappearance of the previously formed large-grain
population. The steady state grain size corresponding to the flow stress plateau ( D = 16.6
µm measured after ε = 0.63) is somewhat larger and remains in the same range after larger
strains (not shown here). This suggests that, in the two-phase material, reaching the
microstructural steady state requires higher strains than reaching the flow stress steady state.

3.2. Deformed, quenched and subsolvus annealed materials
The evolution of the previous microstructures during a subsequent annealing for 30' at Tsub is
presented on Fig. 6. The undeformed material undergoes a uniform grain coarsening, almost
by a factor of 2, to reach a mean grain size of 13.3 µm, the grain boundary motion driving
force was therefore high enough in the reference material to counterbalance the pinning force
exerted by the primary-γ' precipitates. For the deformed samples, the T sub annealing
reinforces the microstructure features observed after deformation. In the sample that was
deformed to ε = 0.12, the abnormally grown grains become even larger, which results in an
increase in the mean grain size. The microstructure obtained after deformation to ε = 0.40
(supposed to be fully dynamically recrystallized) keeps the same mean grain size ( D = 9.0
µm) after Tsub annealing, but the grain size distribution is somewhat broader. Both the largest
grains (sizes above 16 µm) and the smallest ones (sizes below 6 µm) increase in area
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fraction, at the expense of intermediate grain sizes. This is not a classical behaviour, during
conventional grain coarsening the largest grains develop at the expense of the smallest ones.
Here in the dynamically recrystallized microstructure, the smallest grains are likely to be
those which recrystallized the latest, and with therefore lower stored energy levels, and the
potential to grow despite their small size. Grains of intermediate sizes have on the contrary
higher stored energy levels because they appeared sooner in the microstructure and have
subsequently been strain hardened. This explains why they are preferentially consumed by
the growing grains. While being consumed, they become smaller and smaller and contribute
to the increase of the smallest grain population. Some of the largest grains on the other hand
may keep growing due to their size advantage. In the steady state material (ε = 0.63), Tsub
annealing only promotes a very slight increase in the mean grain size as compared to the
deformed and quenched sample (18.3 vs 16.6 µm). The area fraction of large grains has
increased, and that of the smallest grains has on the contrary decreased. As compared to the
previous case, the stored energy distribution and its correlation to the grain size may have
changed so that the evolution of the grain size distribution is more conventional.

In all three microstructures, the grain size distributions have slightly changed during the Tsub
annealing, showing that the pinning forces exerted by the precipitates did not completely
prevent the boundaries from moving, at least locally.

3.3. Deformed, quenched and supersolvus annealed materials
The evolution of the deformed and quenched microstructures during a subsequent annealing
at a supersolvus temperature, where the primary γ' precipitates completely dissolve, is
presented on Figs. 7 and 8. Grain coarsening is much easier at Tsup than at Tsub because the
precipitate pinning force vanishes and because temperature is higher. Significantly larger
grain sizes are then reached. Grains are equiaxed and with rather homogeneous size
distributions. The most striking result of this series is that the grain coarsening amplitude still
depends on the previous T sub deformation. This is obvious when comparing the sample
deformed to ε = 0.12 and the one deformed to ε = 0.63, which had almost the same mean
grain size in the deformed-and-quenched state (15.0 and 16.6 µm), and reach after
supersolvus annealing a mean grain size of 90.3 and 50.3 µm respectively.

The supersolvus grain coarsening amplitude is similar in the two samples deformed to strains
corresponding to the flow stress steady state (ε = 0.40 or 0.63). For the samples deformed to
lower strains (ε = 0.08, 0.12 or 0.24, shown on Fig. 8), the factor by which the grain size is
increased during the supersolvus annealing is significantly greater, and is decreasing with
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increasing strain. Those materials were not at all or partially dynamically recrystallized during
the torsion test. The stored energy level was t h erefore higher in these samples. The
contribution of the stored energy to the driving force for microstructure evolution can
nevertheless hardly explain the faster grain coarsening in the low strained microstructures.
Stored energy is indeed very likely to be released fast at the supersolvus temperature (due to
recovery and grain boundary migration), and even probably already disappeared while
heating. Another feature of those samples is the bi-modal grain size distribution, and this is
one cause of the larger increase in the mean grain size during supersolvus annealing. The
grain coarsening is driven by the grain boundary curvature. Large grains in a matrix of small
grains have a higher number of neighbors, and therefore have concave grain boundaries with
a high curvature. The velocity of the boundaries can be expressed as the product of the
mobility and the curvature induced pressure, which can be expressed as [ 21, 22] :

P

Ã 1
1Ô
i ÄÄ
/ ÕÕ (2)
Å > Ri @ Ri Ö

where γ stands for the grain boundary energy and Ri for the “equivalent” grain radius.
The two grain size distributions obtained after straining to ε=0.12 and 0.63, and quenching
(Fig. 4), have been converted to 3D distributions using the Saltykov method, and considered
as “initial” microstructures for the simulation of grain growth during a supersolvus heat
treatment. Neglecting stored energies and applying equation (2) to those distributions leads
to final 3D distributions, which are given in Fig. 9. These are compared to the experimental
data of Fig. 7, also converted to 3D distributions. Due to the arbitrary choice of the mobility
and grain boundary energy parameters, the time of the simulation was adjusted such that the
simulated grain growth after ε=0.63 led to the same (volume) average 3D grain size as the
experimental one, i.e. 58.4 om. With this simulated time, the obtained average grain size
after ε=0.12 was 78.1 om, against 102.8 om experimentally. The 20 om increase in the

average grain size is a direct consequence of the shape of the initial distribution being wider
in the latter "ε=0.12" case as compared to the previous "ε=0.63" one.
Grain growth simulations assuming homogeneous microstructures and no precipitate pinning
effects could nevertheless not capture the distribution upper tails measured experimentally
(Fig. 9). The tail was more pronounced in the sample pre-strained at ε=0.12, which explains
why the predicted average grain size remained below the experimental value. The origin of
such upper tails may be attributed to the inhomogeneous precipitate density (Fig. 5a): in the
zones with lower density, Zener pinning forces are lower, leading to earlier grain growth upon
heating. It is expected that larger pre-strains lead to a change in the spatial arrangement of
precipitates which tend to homogenize pinning forces.
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The width of the grain size distribution therefore appears to be an important factor in the
control of the grain growth, but also second phase particle local depletion which favours the
development of the upper tail in the grain size distribution. Both effects are consistent with the
grain coarsening amplitude decreasing with increasing strain, because the microstructure
homogenizes as strain increases and as dynamic recrystallization progresses.

4. Quantitative Σ3 boundaries analysis
The evolution of the Σ3 boundary density and of their coherent/incoherent character is
presented in Fig.10 a-c.

In the quenched materials, the Σ3 boundary density seems to increase very slightly at low
strains (before the maximum stress peak), but afterwards it decreases with increasing strain
(Fig.10a). After subsolvus annealing, the Σ3 boundary density is systematically higher than in
the corresponding quenched samples. The microstructural re-organization events that occur
during the subsolvus annealing obviously promote twin formation. On the contrary, if the
annealing is performed above the supersolvus temperature, the Σ3 boundary density
drastically decreases, by a factor of more than 2.
Annealing twins form while grain boundaries are moving [23, 24]. According to Pande et al.
[25], the number of twins produced is proportional to the distance over which grain boundary
have moved (related to the increase in grain size), and to the velocity of the grain boundary.
Based on theses considerations, they proposed an analytical model for prediction of the twin
density resulting from curvature driven grain growth, which fit very well with a large number of
experimental results reported for various metals (Fig.11). The general trend is a decrease in
twin density as grain size increases, because the velocity of the grain boundary is decreasing
as grain size and grain boundary curvature decrease. For small grain sizes the trend is
inverted, because of the migration distance which is then too small to promote twin formation.
It is worth mentioning that the twin density is quantified as a number of twin intercepts per
unit length. Our definition of twin density is somewhat different, defined as the length of twin
segments per unit area. Based on general stereology concepts [26], both quantities are
related by a proportionality factor. The conversion is therefore easy: the length per unit area
equals the number of intercepts per unit length multiplied by π/2, but it has not been done
here since only relative changes in twin density will be discussed below.
In our results, the twin density remains constant, or even slightly increases, as grain size is
increased by a factor of 3 in the samples submitted to curvature driven grain growth during
supersolvus annealing (square symbols in Fig.10b). For such an increase in grain size,
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Pande's model predicts that the twin density should be divided by two. In Pande's approach,
the curvature driving force is simply considered to be proportional to

γ
, and the effect of
>R@

the grain size distribution width is neglected. It was shown in the previous section, however,
that this effect cannot be neglected during supersolvus annealing. The largest grain sizes are
obtained from the microstructures in which a bimodal grain size distribution has been
produced during the former hot-deformation stage. Accordingly, the grain boundary migration
rate during supersolvus annealing is increased, and the resulting twin density is significantly
higher than that predicted by Pande's model.

The grain boundary velocity is also likely to be responsible for the increase in twin content
during subsolvus annealing. In presence of the primary γ' particles, the grain size does not
change much, but grain boundaries may locally reorganize (in between pinning points) under
stored energy gradient induced pressures. This would occur over short distances but at a
high velocity, and would therefore promote the formation of twins. Another hypothesis is a reorganization of the twin boundaries themselves during the subsolvus annealing [27]. The
length fraction of incoherent segments among all Σ3 twin boundaries is shown in Fig. 10c as
a function of strain. It is worth noticing that these results are rather scattered, the
discrimination between coherent and incoherent twins would have been more accurate with
higher spatial resolution maps. Trends can nevertheless be discussed. Low strain samples
(in which the dynamic recrystallization onset was not reached) show the highest proportion of
incoherent twins in the quenched state and a somewhat lower proportion after subsolvus
annealing. On the contrary, supersolvus microstructures show rather few incoherent twins,
which suggests that the twins formed during grain growth are mainly coherent ones. Fig.10d
allows evaluating how far twin boundaries are from the theoretical Σ3 orientation relationship
(independently of their coherent/incoherent character) : it shows the percentage of twin
boundaries detected within a 2° tolerance among the ones detected with a 4° tolerance. Here
again the twins of the supersolvus annealed samples appear to be the most perfect ones,
whereas the ones in the quenched samples may deviate more from the theoretical orientation
relationship. Fig.12 shows a higher resolution EBSD map of a sample quenched after a
deformation o f ε=0.24, which indeed reveals that deformation induced crystallographic
orientations changes and the interaction between intragranular dislocation structures (subboundaries) and twin boundaries may both result in deviating from the {111} plane (single
arrow), or getting out of the angular tolerance for twin detection (double arrow). The preexisting twins can therefore be partly destroyed as a result of plastic deformation, but defects
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may annihilate during the subsequent subsolvus annealing, and boundaries may reorient
[27], leading to the possible recovery of perfect coherent twins.

The above suggested mechanisms are still hypothetical; further investigations are needed to
better understand how twins evolve during plastic deformation and subsequent annealing.
Another important aspect which is still to be studied is the influence of the second phase
particles on twin formation probability. Figure 13 shows Σ3 twin boundaries, and grain and
interphase boundaries in a microstructure strained to ε = 0.12 and subsequently annealed at
the subsolvus temperature. P r i m a r y γ' particles can be recognized, especially the
intragranular ones, thanks to their rounded shape. Many twins terminate on second phase
particles, suggesting that particles may play a role in the twin formation mechanisms. Second
phase particles are well known to slow down grain boundary motion, and this would according to the above developed considerations based on Pande's approach - decrease
twin density. When considered at the local scale, though, the interaction of a particle with a
moving grain boundary can be on the contrary considered as an accelerating factor. If the
driving force is high enough so that the grain boundary can be unpinned from the particle, at
that very moment, the local velocity can be very fast, and promote twin nucleation. The
presence of second phase particles would then increase the probability of twinning. This is an
important fundamental issue which calls for further investigation.
The effect of prior deformation is not taken into account either in Pande's model, but this
could be done in a more physically based model originally proposed by Gleiter [23], and
further refined and validated by Li et al. [28]. In the latter, twin formation is treated as a
nucleation event, and the probability of twin formation derived according to the classical
thermodynamic description of nucleation events. This model could easily account for stored
energy effects because the difference in free enthalpy between neighboring grains explicitly
appears. However Gleiter's model requires the determination of many physical quantities
which are not always known. In this paper, we have shown that two other parameters may be
of prime importance in the control of the grain boundary velocity, and therefore in the
resulting twin density: the grain size distribution width, and the presence of second phase
particles. The existing models predicting twin densities should be extended in order to
account for such effects.
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5. Conclusions
From examination of torsion test samples of the PER®72 alloy, in the quenched state, or
annealed state at a temperature below or above the dissolution temperature of primary γ'
particles, it appeared that:
(1) Dynamic abnormal grain growth occurs despite primary γ' particles, by strain induced
grain boundary motion. Low strains and lower particles densities favour the development of
those large grains. They disappear subsequently with dynamic recrystallization.
(2) The resulting bi-modal grain size distribution leads to faster grain coarsening during
supersolvus annealing. This is one of the reasons for which the microstructures obtained
after supersolvus annealing are still dependent on the thermomechanical history.
(3) The grain boundary velocity is an important factor in controlling twin density. Going
through bi-modal grain size distributions allows reaching large grain sizes at a higher rate,
and therefore with increased twin content, as compared to curvature driven grain growth in
microstructures characterized by single-peak and narrow distributions. The twin density is
then not univocally linked to the grain size.
(4) Controlling the final twin content in a two-phase nickel-based superalloy requires to
consider the effects of i) stored energy gradients, ii) second phase particles, and iii) grain size
distribution width, on grain boundary motion. None of the models reported in the literature can
account for these three effects.
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Figure 1. Synoptic diagram of the performed thermomechanical treatments

Figure 2. Back-Scattered-Electron micrograph where γ' precipitates are overall darker than the γ matrix
grains due to their chemical composition which provides lower BSE intensities. (It is worth noticing that
this contrast is nevertheless not suitable for phase detection by image analysis because it is in the
same range as the orientation contrast within each phase.)
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Stress σ [MPa]

Equivalent strain ε

Figure 3. Stress-strain plot of the torsion rheological behavior of the PER®72 alloy.
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undeformed material

D = 7.5 µm

ε = 0.12

ε = 0.40

ε = 0.63

D = 15.0 µm

D = 9.0 µm

D = 16.6 µm

Figure 4. Grain structure, grain boundary network, grain size distribution histogram and average grain
size for four different states, from the left column to the right: undeformed reference (annealed for 10'
at Tsub and quenched), deformed to ε = 0.12 or 0.40 or 0.63 and quenched. The extreme right bar in
the grain size histograms is not a 2µm width class (like the others), but shows the area fraction of all
grains with a size of at least 30µm.
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Figure 5. a) Microstructure of the sample deformed to ε = 0.12 and quenched. b) Microstructure of the
undeformed material annealed for 10' at Tsub and quenched. Random grain colored EBSD maps, with
all interfaces with a misorientation angle higher than 10° in black.
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undeformed material

D = 13.3 µm

ε = 0.12

ε = 0.40

ε = 0.63

D = 18.0 µm

D = 9.0 µm

D = 18.3 µm

Figure 6. Grain structure, grain boundary network, grain size distribution histogram and average grain
size after 30' annealing at Tsub for four different states, from the left column to the right: undeformed
reference, deformed to ε = 0.12 or 0.40 or 0.63 and quenched.
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undeformed material

D = 50.3 µm

ε = 0.12

ε = 0.40

ε = 0.63

D = 90.3 µm

D = 40.2 µm

D = 50.3 µm

Figure 7. Grain structure, grain boundary network, grain size distribution histogram and average grain
size after 30' annealing at Tsup for four different states, from the left column to the right: undeformed
reference, deformed to ε = 0.12 or 0.40 or 0.63 and quenched.
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Figure 8. Average grain size after deformation to different strains and quenching, and followed by
subsequent annealing for 30' at Tsup
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Figure 9. Evolution of 3D grain size distributions during a supersolvus heat treatment, for two samples
pre-strained at a) ε=0.63, and b) ε=0.12. In order to show both initial and final distribution on the same
plot, the grain size class width has been defined as 2µm for small grains ad 10 µm for large ones. This
is the reason for the abscise axis scale not being linear.
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Figure 10. a,b) Σ3 boundary density as a function of strain and average grain size. c) incoherent Σ3
boundary proportion as function of strain. d) change in Σ3 boundary density when reducing the
misorientation angular tolerance from 4° to 2°, as a function of the average grain size.
Quenched microstructures ( ) and after subsequent 30' annealing at Tsub ( ) or at Tsup ( ).

Figure 11. Relationship between twin density and grain size: experimental data and Pande's model
prediction [25].
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10 µm

average local misorientation (°.µm-1)
Black lines : grain boundaries with a disorientation higher than 5°
Red lines : Σ3 boundaries (4° tolerance)
Figure 11. High resolution EBSD map (100 nm step size) of a deformed and quenched sample (ε =
-2

-1

0.24 at 10 s ). The grayscale is related to the local orientation gradient (average misorientation angle
of a pixel with all others located at 0.5µm, divided by that distance). Disorientations higher than 5°
were ignored in the calculation of the local orientation gradients. Σ3 boundaries (4° tolerance with
respect to the theoretical misorientation) and grain boundaries (disorientation higher than 5°) are also
plotted, in red and black, respectively.
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Figure 13. EBSD map of the sample annealed at the subsolvus temperature after straining to ε = 0.12,
showing grain and interphase boundaries with a disorientation higher than 10° (in black), and Σ3 twin
boundaries (in red).
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